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ABSTRACT
Thermodynamics of intermetallic phases in Fe-rich Fe-Cr-Ni-Mo alloys is critical knowledge
to understanding thermal aging effects on the phase stability of Mo-containing austenitic steels,
which subsequently facilitates alloy design/improvement and degradation mitigation of these
materials for reactor applications. Among the intermetallic phases, Chi (χ), Laves, and Sigma (σ)
are often of concern because of their tendency to cause embrittlement of the materials. The focus
of this study is thermal stability of the Chi and Laves phases as they were less studied compared
to the Sigma phase. Coupled with thermodynamic modeling, thermal stability of intermetallic
phases in Mo containing Fe-Cr-Ni alloys was investigated at 1000, 850 and 700°C for different
annealing times. The morphologies, compositions and crystal structures of the precipitates of the
intermetallic phases were carefully examined by scanning electron microscopy, electron probe
microanalysis, X-ray diffraction, and transmission electron microscopy. Three key findings
resulted from this study. First, the Chi phase is stable at high temperature, and with decreasing
temperature it transforms into the Laves phase that is stable at low temperature. Secondly, Cr,
Mo, Ni are soluble in both the Chi and Laves phases, with the solubility of Mo playing a major
role in the relative stability of the intermetallic phases. Thirdly, in situ transformation from Chi
phase to Laves phase was directly observed, which increased the local strain field, generated
dislocations in the intermetallic phases, and altered the precipitate phase orientation relationship
with the austenitic matrix. The thermodynamic models that were developed and validated were
then applied to evaluating the effect of Mo on the thermal stability of intermetallic phases in type
316 and NF709 stainless steels.
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1.

Introduction and motivation

Molybdenum-containing austenitic stainless steels such as 316 and NF709 have been
extensively used as economical structural materials and cladding alloys in traditional and
advanced nuclear reactors and power plants, because of their good mechanical properties at high
temperatures, excellent corrosion resistance, and fabricability [1]. However, these materials are
subject to microstructural instability as a result of long-term thermal aging [2]. The
decomposition of the austenitic matrix often results in the precipitation of various phases such as
carbides and intermetallic compounds [2, 3]. The most noticeable intermetallic compounds
formed in Mo-containing austenitic steels are Sigma, Laves_C14 and Chi_a12 phases [2, 3].
These intermetallic compounds generally have a detrimental effect on the mechanical properties
of materials when they precipitate on grain boundaries but may have a beneficial effect on creep
resistance when they precipitate intragranularly [4].
The major alloying elements in the Mo-containing austenitic steels are Cr, Ni, and Mo, the
concentrations of which significantly affect the stability of these intermetallic compounds. A
good understanding of the solubilities of Cr, Ni, and Mo in the Fe-rich fcc (face-centered cubic)
matrix phase and the intermetallic phases is essential for making robust choices regarding alloy
compositions and heat treatment parameters, and to ensure better microstructures and mechanical
properties. The composition and temperature regions of stable Sigma, Laves, and Chi phases
have been studied in constituent ternaries of the Fe-Cr-Mo, Fe-Mo-Ni, Fe-Cr-Ni, and Cr-Mo-Ni
systems [5-10], but knowledge of the quaternary Fe-Cr-Ni-Mo space is still lacking. The
Calphad method is an efficient way to map the stability of phases in multicomponent systems
[11-13] as represented by multicomponent phase diagrams. The essence of the Calphad method
is to develop a set of self-consistent thermodynamic models for individual phases that can
simultaneously represent the experimental data on thermodynamic properties and phase
equilibria. The critically developed thermodynamic models can then be used to predict phase
equilibria in the regions without experimental data. The purpose of the present work is to
develop thermodynamic models for intermetallic phases in the Fe-rich region of the Fe-Cr-NiMo alloys and validate the models with experimental investigation. The validated
thermodynamic models were then used to predict the stability of intermetallic phases in the FeCr-Ni-Mo alloys, which is an essential step to understand the phase stability of commercial Mocontaining austenitic stainless steels after long term thermal aging.

2.

Thermodynamic modeling

Thermodynamic models of phases in the Fe-Cr-Ni-Mo quaternary system were developed
based on those in the four constituent ternaries, i.e., Fe-Cr-Ni [7, 14], Fe-Cr-Mo [5, 14], Fe-MoNi [6] and Cr-Mo-Ni [14]. For the phases of interest, two types of thermodynamic models were
used in this study. One was the Substitutional Solution model [11], which is used for describing
disordered solution phases such as liquid, fcc (face-centered cubic), and bcc (body-centered
cubic). The other wad the Sublattice model [15] for describing intermetallic compound phases
with preferential occupation of elements in certain crystallographic lattices. The detailed
definitions of different thermodynamic models and the descriptions of their Gibbs energy
functions are well described in the literature [11, 15] and therefore are only briefly introduced
here. The Gibbs energy per mole atoms of a phase, ϕ, for a Substitutional Solution model (Cr,
Fe, Mo, Ni) is expressed by the following equation:
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The first term,
, denotes the Gibbs energy of pure element i with the structure of the ϕ
phase and is readily available from the SGTE (Scientific Group Thermodata Europe) standard
database for pure elements [16]. The second term is the Gibbs energy contributed from ideal
mixing entropy with the mole fraction of element i. R is the gas constant and T is temperature
,
in kelvin.
is the excess energy describing non-ideal chemical interaction. It is expressed by
the Redlich-Kister-Muggianu (RKM) polynomial [17], in which non-ideal interaction energy
from binary, ternary or higher-order systems is included. Model parameters are included in these
interaction terms and their values are optimized by fitting the calculated thermodynamic property
and phase equilibrium to the available experimental data. However, for a phase without
experimental data, especially in a multicomponent (n≥4) system, the excess energy can be
approximated by an extrapolation method in which only the lower-order interaction energies
,
denotes the magnetic
(i.e., binary and ternary) are included in the RKM term.
contribution to the Gibbs energy, described by the Inden-Hillert-Jarl magnetic model [18, 19].
For the intermetallic compound phases, the Sublattice model is chosen depending on the
crystal structure, the occupation preference of the element in each crystallographic site, the
defect structure, and the homogeneity range [15]. The Sigma phase originated from the Fe-Cr
binary and has a tetragonal unit cell (space group P42/mnm) with a=0.88nm and c=0.454nm [3].
Several models have been proposed for the Sigma phase [20]. In this study, the three-sublattice
model (Fe,Ni)8(Cr,Mo)4(Cr,Fe,Mo,Ni)18 was chosen for being consistent with those used in the
constituent ternaries [5, 7, 14]. In this model, each unit cell of the Sigma phase contains 30 atoms
occupying three distinct lattice sites, with the first one preferentially occupied by Fe and Ni, the
second by Cr and Mo, and the third by Cr, Fe, Mo, and Ni. The Gibbs energy of this model is
expressed as the following equation:
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In contrast to the Gibbs energy derived by the Substitutional Solution model, the Gibbs
energy is described as a function of site fraction in a sublattice, instead of mole fraction in an
alloy. The first term denotes the Gibbs energy contributed from the so-called end-member
compounds [15], with each sublattice fully occupied by only one element. The Gibbs energies of
these end-member compounds are not readily available in the standard database. Therefore, they
need to be optimized from experimental data. The third and fourth terms are similar to those in
the Substitutional model except they are contributed to by the summation of the Gibbs energy
from each sublattice. The interaction parameters in these terms are also optimized in terms of
experimental data.
Since the Sigma phase is stable in all four constituent ternaries, the experimental phase
equilibrium data in these ternaries can reasonably constrain the modeling of these end-members
and interaction terms. The Chi phase has a bcc unit cell (space group I143m) containing 58
atoms and having a reported lattice parameter varying between 0.8807 nm and 0.892 nm [3, 21]
phase. The three-sublattice model of (Cr,Fe,Ni)24(Cr,Mo)10(Cr,Fe,Ni)24 was chosen for the Chi
phase to reflect its crystallographic characteristics and be consistent with that used in the Fe-CrMo system [5, 14, 22]. This model has numerous end-members and interactions between
2

elements. However, this phase is found only stable in the Fe-Cr-Mo system [5, 8]. No data are
available for constraining the Ni-related end-members and interactions. The Laves phase is a
hexagonal phase of space group P63/mmc, with a=0.473 nm and C=0.772 nm [3]. It is modeled
as (Cr,Fe,Ni)2(Cr,Fe,Mo,Ni) based on the existing thermodynamic descriptions [6, 14]. The
Laves phase has slightly more experimental data than the Chi phase, mainly from the Fe-Cr-Mo
and Fe-Mo-Ni ternaries [6, 8]. With this information, it becomes clear that more experimental
data regarding the Ni dissolution in the Chi and Laves phases are needed for better developing
their thermodynamic models. Thermodynamic modeling and phase equilibria calculations in this
study were carried out using Pandat [23].

3.

Experimental method

Two Fe-Cr-Ni-Mo alloys were designed for experimental investigation. Their compositions
were Fe-13.5Cr-7.75Mo-9Ni (alloy A1) and Fe-15Cr-8.75Mo-13Ni (alloy A2). (Composition is
expressed as atomic percent throughout this study.) These alloys were chosen because the
calculated results from the extrapolated Fe-Cr-Mo-Ni thermodynamic description [14] suggested
that they are located in a phase equilibrium region containing the Chi and Laves phases at the
target annealing temperatures. Alloy buttons with a mass of ~50 g of the constituent elements
(purity > 99.95 at.%) were prepared by arc melting in an Ar atmosphere in a water-chilled copper
mold. The buttons were flipped and remelted more than 10 times to ensure good
homogenization. The buttons were then drop-cast into cylindrical copper molds. The total weight
loss after drop-cast was less than 0.1%; therefore, it was assumed that the alloys have
compositions that are close to the target compositions. The drop-cast rods were cut into small
samples and sealed into evacuated quartz capsules for annealing experiments, followed by water
quenching. Each alloy was subjected to four annealing conditions: 1000°C for 50 h, 850°C for
168 h, 700°C for 336 h, and 700°C for 795 h. The sample index, compositions, and annealing
conditions are listed in Table 1.
Table 1 Sample index of the annealing conditions of alloys A1 and A2.

A1: Fe-13.5Cr-7.75Mo-9Ni
A2: Fe-15Cr-8.75Mo-13Ni

H1:
1000°C, 50 h
A1H1
A2H1

H2:
850°C,168 h
A1H2
A2H2

H3:
700°C,336 h
A1H3
A2H3

H4:
700°C,795 h
A1H4
A2H4

The annealed samples were cut, mounted in epoxy, and metallographically prepared by a
final polishing with a colloidal silica suspension. Scanning electron microscopy (SEM) in the
backscattered electron mode (BSE) was used to characterize the microstructures of the
metallography samples without the need for any chemical etching. The compositions of the
matrix and the large-size precipitates were measured at 7 to 10 different locations by electronprobe microanalysis (EPMA) equipped with wavelength-dispersive spectroscopy (WDS) in a
JEOL 8200 SEM. The accuracy of the measurement is within 0.5 at.% as a result of careful
calibration using a standard 316 Stainless Steels (SS). Conventional matrix corrections (ZAF –
element atomic number, X-ray absorption and fluorescence) were used to calculate the
compositions from the measured X-ray intensities of Fe Kα, Cr Kα, Ni Kα, and Mo Lα peaks.
3

For crystallographic phase identification, X-ray diffraction (XRD) was performed using a
Panalytical Xpert diffractometer with an X'Celerator detector with scanning ranges from
nominally 5 to 60° (2θ), Mo-Kα radiation (λ = 0.709319 Å), and 3 mm adjusting slits. The phase
search and match were conducted using the Jade and/or HighScore software with the ICDD
(International Centre for Diffraction Data) database.
Transmission electron microscopy (TEM) and Energy Dispersive Spectroscopy (EDS) were
used to characterize detailed microstructures of the alloys using a FEI CM200 field emission gun
microscope at 200 kV. TEM discs of 3 mm thickness were mechanically polished to ~0.1 mm
and then electro-polished using a Struers Tenupol polishing unit with a methyl sulfuric (7:1)
solution at ~140 mA and -12°C.

4.
4.1

Results and discussion
SEM/BSE images and EPMA measurements

The BSE images of alloy A1 are shown in Fig. 1 for conditions at (a) 1000°C for 50 h, (b)
850°C for 168 h, and (c) 700°C for 795 h. The microstructure of samples annealed at 1000 and
850°C can be distinctly characterized as two phases: the grey matrix and bright precipitates. The
one at 700°C is very fine with a retained morphology of as-cast fine eutectic after 795 h. The
precipitates coarsen rapidly at 1000 and 850°C, which allows the sizes of some precipitates to be
large enough for EPMA composition measurements. The EPMA-measured compositions for
large-size (>1µm) precipitates at 1000 and 850°C are listed in Table 2. At 1000°C, the matrix
composition is (73.9±0.4)Fe-(11.9±0.1)Cr-(10.7±0.2)Ni-(3.6±0.2)Mo and the composition of the
large-size precipitates is (62.8±0.2)Fe-(16.3±0.1)Cr-(4.4±0.5)Ni-(16.5±1)Mo. The Mo content in
the large-size precipitates is much higher than that in the matrix and is close to the Mo content in
the ternary Fe-Cr-Mo Chi phase of ~17%. Therefore, the large-size precipitates at 1000 and
850°C are characterized as the Chi phase based on the EPMA results. This is confirmed by the
following XRD and TEM results. By close examination of the BSE image of alloy A1 annealed
at 850°C, the precipitates show two slightly different contrasts. The large and less bright one is
the Chi phase, as suggested by the EPMA results. The brighter one is too small to be measured
by EPMA; however, subsequent XRD and TEM analyses identified it as the Laves phase, which
stemmed from the Fe2Mo binary phase. Since the Laves phase has a higher Mo content than that
of the Chi phase, it shows a brighter contrast in the BSE image.
The microstructures of alloy A2 annealed at different temperatures are similar to those of
alloy A1; therefore, they are not shown here. The EPMA-measured compositions for the matrix
and large-size precipitates for alloy A2 at 1000°C are (67.5±0.3)Fe-(13.0±0.2)Cr-(15.6±0.1)Ni(3.9±0.1)Mo and (58.2±0.8)Fe-(17.8±0.1)Cr-(7.1±0.4)Ni-(16.9±1)Mo, as shown in Table 3.
Again, the Mo content (16.9%) in the large-size precipitates is aligned with that of the ternary
Fe-Cr-Mo Chi phase. The bulk composition of Fe in alloy A1 is designed as 69.75%, which is
greater than that (63.25%) in alloy A2. The measured matrix composition in alloy A1 has a
higher Fe content than that in A2, reflecting the change in the bulk compositions. On one hand,
the solubility of Mo in the matrix phase for alloy A1 decreases with temperature, from 3.6±0.2 at
1000°C to 2.5±0.2 at 850°C. A similar trend was found for alloy A2. On the other hand, the Mo
content in the matrix phase and the large-size precipitates of alloy A1 is close to that of A2 at
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given temperature, suggesting the solubility of Mo in both phases is insensitive to the
investigated bulk alloy compositions.
Table 2 EPMA-measured phase compositions (at.%) in alloy A1 compared with
calculated results.
Phase
Fcc

Chi

Laves

Element
Fe
Cr
Mo
Ni
Fe
Cr
Mo
Ni
Fe
Cr
Mo
Ni

1000°C, 50 h
EPMA
Calculation
73.9±0.4
73.5
11.9±0.1
11.7
3.6±0.2
3.6
10.7±0.2
11.2
62.8±0.2
62.4
16.3±0.1
17.1
16.5±0.1
16.0
4.4±0.5
4.5

850°C, 168 h
EPMA
Calculation
74.2±0.2
74.2
11.7±0.2
11.1
2.5±0.2
2.6
11.6±0.2
12.1
63.7±0.4
62.7
16.4±0.3
17.4
15.8±0.5
15.9
4.1±0.4
4.0

700°C, 795 h
TEM/EDS Calculation
75.1±0.2
75.3
13.7±0.4
13.1
0.95±0.5
1.1
10.2±0.2
10.5

52.3±0.7
16.4±0.8
28.6±1.6
2.7±0.3

51.8
14.7
29.3
4.2

Table 3 EPMA-measured phase compositions (at.%) in alloy A2 compared with
calculated results.
1000°C, 50 h
Phase Element EPMA Calculation
Fcc
Fe
67.5±0.3
66.1
Cr
13.0±0.2
12.9
Mo
3.9±0.1
4.2
Ni
15.6±0.1
16.8
Chi
Fe
58.2±0.8
58.6
Cr
17.8±0.1
18.4
Mo
16.9±1.0
16.2
Ni
7.1±0.4
6.8
Laves
Fe
Cr
Mo
Ni

850°C, 168 h
700°C, 795 h
EPMA TEM/EDS Calculation TEM/EDS Calculation
67.1±0.9 67.3±0.3
67.3
68.9±0.3
68.7
13.3±0.6 14.0±0.3
13.9
14.8±0.3
14.4
3.3±1.3
3.0±0.6
2.6
1.7±0.6
1.2
16.3±1.0 15.7±0.6
16.2
14.6±0.6
15.7
58.8±0.3 57.8±0.4
58.7
18.4±0.3 20.6±0.2
20.0
15.9±0.5 16.0±0.3
15.8
6.9±0.4
5.5±0.1
5.5
51.1±0.4
50.1
49.0±1.7
49.2
16.5±0.3
15.0
18.9±1.1
16.7
27.3±0.5
28.6
28.1±0.9
28.2
5.1±0.3
6.3
4.0±0.6
5.9
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(a) A1H1

(b) A1H2

(c) A1H4

Figure 1 BSE images for alloy A1 annealed at (a) 1000°C for 50 h (H1), (b) 850°C for 168 h (H2), and (c)
700°C for 795 h (H4). The dark matrix phase in (a), (b), and (c) is Fcc. The large bright phase in (a) and
(b) is Chi. The small precipitate phase in (b) and (c) is Laves.

6

4.2

XRD results

The XRD patterns of alloys A1 and A2 annealed at 1000, 850, and 700°C are shown in Figs.
2 and 3. The intensity peaks of the matrix phase (fcc), and the precipitated phases (Chi and
Laves) are marked by solid squares, circles and triangles, respectively. The curves labeled 1, 2,
3, and 4 denote the annealing conditions from 1000°C for 50 h, 850°C for 168 h, 700°C for 335
h, and 700°C for 795 h. The results clearly show the presence of the fcc matrix phase in all
samples. The peaks of the Chi phase are clearly seen in the 1000 and 850°C samples, but not in
the 700°C samples. The peaks of the Laves phase are seen in the 700°C samples, but not in the
1000°C ones. Upon close examination of the XRD pattern of the 850°C samples, tiny peaks
corresponding to the Laves(112) and Laves(201) diffractions can be seen, suggesting that the
Laves phase exists at this temperature. In addition, the Laves(112) and Laves(201) diffraction
peaks of alloy A2 at 850°C are more prominent than those of alloy A1, suggesting A2 has a
larger fraction of the Laves phase than A1, which is consistent with the higher content of Mo in
A2. In summary, alloys A1 and A2 have similar XRD patterns and both show that the Chi phase
is stable at 1000°C, becomes less stable at 850°C, and is unstable at 700°C, and the Laves phase
is not stable at 1000°C but becomes stable at 850°C and below.

7

Fcc(200)

1:A1H1
2:A1H2
3:A1H3
4:A1H4
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1
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Fcc(111)

Chi(510)

Chi(422)
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Chi
Laves
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Laves(112)
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Chi(400)
Laves(103)
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Chi(330)

Figure 2 XRD results of alloy A1 annealed at 1000°C (A1H1), 850°C (A1H2), and 700°C (A1H3 and
A1H4).

1:A2H1
2:A2H2
3:A2H3
4:A2H4

1
2
3
4

17.5

20.0

22.5

25.0

27.5

2θ (degree)
Figure 3 XRD results of alloy A2 annealed at 1000°C (A2H1), 850°C (A2H2), and 700°C (A2H3 and
A2H4).
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4.3

TEM/EDS results

TEM/EDS was employed to characterize the samples annealed at 850 and 700°C due to the
presence of small-size particles. The bright field (BF) image in Fig. 4a shows an overview of
alloy A2 annealed at 850°C for 168 h (A2H2) consisting of particles of two distinct sizes, which
was taken under the [1 1 2] zone axis of the fcc-matrix. The large-size particles were identified
as the Chi phase based on a selected area diffraction pattern (SADP), as shown in Fig. 4a and
EDS results as listed in Table 3. The TEM/EDS results of the fcc and Chi phase are in good
agreement with the EPMA measurements. Two types of phases were identified in the small-size
particles. Some of the small-size particles were identified as the Chi phase. Figure 4b shows an
example of the Chi phase in BF image under the [-1 1 0] zone axis. Some of the small-size
particles were identified to be the Laves phase, as shown in Fig. 4c. The Laves phase is shown in
bright contrast in the dark-field (DF) image using the dim reflections in the SADP under the [-9
2 6] zone axis. The several bright spots in the SADP indicate the sample matrix is close to the [1
1 2] zone axis. In contrast to the single-phase particles of the χ phase, the Laves phase particles
are often observed to be accompanied by the Chi phase, as shown in Fig. 4c, in which the phase
of the bright contrast is Laves and that of the dark contrast is Chi. The EDS composition of the
Laves phase is included in Table 3, showing the primary Mo enrichment as compared to the Chi
phase. Alloy A1 annealed at 850°C for 168 h (A1H2) exhibited microstructures similar to those
of A2, as shown in Fig. 4a. However, the Laves phase (e.g., Fig. 4c) was not observed in the
A1H2 sample.
χ

(a)

χ

(b)

χ

(c)

χ
Bχ=[-1 1 0]

Bχ=[-1 1 0]

η

Matrix

η
Bη=[-9 2 6]

BM=[1 1 2]

Figure 4 TEM results of alloy A2 aged at 850°C for 168 h: (a) overview of the large and fine particles and
(b-c) fine particles of Chi and Laves phases.

Figure 5 illustrates details of the in-situ phase transformation of the Laves phase from the
initial Chi phase in alloy A2 at 850°C. Figure 5a in BF exhibits an example of a dual-phase
particle of Chi and Laves phase, in which the dominant dark grey regime is identified as Laves
phase (labeled “b”) and the adjacent small dark-contrast regime as χ phase (labeled “c”). Highresolution BF images of the two phases at the locations labeled “b” and “c” are shown in Fig. 5b
and 5c. The insets exhibit fast Fourier transform results for each image, which were identified as
Laves phase in the [−6 5 7] zone axis of Fig. 5b and χ phase in the [4 −7 6] zone axis of Fig. 5c.
According to the Moiré fringes of the Laves particle with a measured spacing (D) of 0.865 nm,
and its relationship with the interplanar spacing of the matrix (d1 = d(220)) and Laves phase (d2 =
d(211) = 0.1519 nm) as D = d1d2/(d1 – d2) [24], the matrix d1 = d(220) can be estimated to be 0.1292
nm, corresponding to aγ = 0.3655 nm. Compared with the XRD result of aγ = 0.359 nm, the
presence of the Laves particle resulted in an ~1.81% increase in the lattice parameter of the
matrix. An SADP, taken from the white dashed circle in Fig. 5a, is shown in Fig. 5d, which was
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processed using the logarithm mathematical function in ImageJ [25] to maximize the visibility of
the dim reflections from the particle. Its analytical result is shown in Fig. 5e, indicating the
enclosure of three phases of χ, Laves, and the matrix in the zone axis near [4 −7 6], [−6 5 7], and
[−1 1 0], respectively. The matrix reflections in Fig. 5d show only {1 1 1} planes, suggesting the
deviation of the local matrix from the (2 2 0) two-beam condition. With the measured Moiré
fringes of the χ particle in Fig. 5c (D = 0.715 nm), matrix d1 = d(111), and the χ phase d2 = d(-5-21) =
0.1627 nm, the matrix d1 = d(111) can be estimated at 0.2106 nm, corresponding to an aγ = 0.3647
nm, ~1.59% increase in lattice parameter compared with the XRD result (aγ = 0.359 nm) of the
matrix. The slightly smaller increase in the lattice parameter of the local matrix close to the χ
phase (Fig. 5c) compared with the matrix close to the Laves particle (Fig. 5b) indicates that the
in situ phase transformation of the χ phase to the Laves phase increased the local strain field. The
large strain field between the Laves phase and the matrix resulted in the discontinuity of the
lattice fringes of the Laves particle in Fig. 5b, leading to some superposition strong reflections in
Fig. 5d.
Two types of approximate orientation relationships between the phases are revealed in Fig.
5d and 5e; they are indicated with black and grey arrows in Fig. 5e, i.e.,
(6 11 5 13)
|| 11 2 5 || (1 1 1)
and
10 5 15 5
|| (1 10 11)
in
6517
|| 4 7 6 || 1 1 0 . Considering the local strain field induced by the in situ χLaves phase transformation, the complex orientation relationships may be approximated as
(0 1 1 1)
(2 1 3 1)
|| (1 0 1) || (1 1 1)
and
|| (0 1 1)
in
1101
|| 1 1 1 || 1 1 0 . The orientation relationship between the χ phase and Laves
phase is first identified here. The χ phase and austenitic matrix follow the Kurdjumov-Sachs
orientation relationship, consistent with a literature report [26]. The orientation relationship
between the transformed Laves phase and the austenitic matrix is different from the observed
(1 0 1 3)
(0 0 0 1)
|| (1 1 1) ,
1210
|| 1 2 1
and
|| (1 1 1) ,
1010
|| 1 1 0 [27]. The variations in the orientation relationships between the Laves
phase and the austenitic matrix suggest that the formation temperature, precipitation, or
transformation of the Laves phase may exert significant effects on the orientation relationship.
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[-6 5 7]Laves

0.865 nm

0.865 nm

Figure 5 (a) BF image of a Laves-χ particle in the 850°C-annealed sample, together with its highresolution BF images of (b) Laves phase, (c) χ-phase, (d) SADP, and (e) analytical diffraction pattern.

For the samples annealed at 700°C, only those annealed for 795 h were subjected to
TEM/EDS analysis. Alloys A1 and A2 exhibited microstructures similar to those shown in the
BF images of Figs. 6a and 7a, respectively. Only one type of precipitate was observed and
identified as the Laves phase. The high-resolution BF image of the Laves phase in alloy A2 is
shown in Fig. 6b, exhibiting lattice fringes with a spacing of ~0.856 nm. The SADP and
corresponding analytical result of the Laves phase particle, shown in Figs. 6c and 6d, indicate the
zone axes of [3 -2 9] and [1 -4 9] for the Laves phase and the matrix, respectively. The
approximate parallel relationship of (-4 12 4)Laves // (-2 4 2)matrix is different from the classic
simple correlation of (1 0 0)Fe2Nb // (-1 1 0)matrix and (0 0 1)Fe2Nb // (111)matrix observed for Laves
phase Fe2Nb relative to austenite matrix [28]. Figures 6b and 6c show a high-resolution BF
image and corresponding SADP in [0 0 1] zone axis of a Laves phase particle in alloy A1. The
TEM/EDS results of the 700°C-annealed samples are listed in Tables 2 and 3. The Laves phase
was only observed in alloy A2 at 850°C with a Mo content of 27.3%, which is less than the
stoichiometric ratio of 33.3%, suggesting other elements such as Cr and Ni may dissolve into the
Mo sublattice of the Laves phase. Comparison of the matrix compositions between the 850 and
700°C samples shows a significantly lower Mo content in the lower-temperature matrix phase,
which is consistent with the formation of more Laves phase at the lower temperature. The lack of
the Chi phase at 700°C suggests its complete phase transformation into the Laves phase.
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(a)

(b)

(c)

(d)
511

331

γ

301

0.856 nm
242

131

γ

Bη=[3 -2 9]
Bχ=[1 -4 9]

331

η

131

η

301

γ

242

η

γ

η

γ

511

γ

Figure 6 TEM results showing the (a) overview, (b) high-magnification lattice fringes, and (c-d)
corresponding diffraction pattern of Laves phase in alloy A2 aged at 700°C for 795 h.

(a)

(b)

(c)

0.744 nm

Bη=[0 0 1]

5 nm

Figure 7 TEM results showing the (a) overview and (b-c) high-magnification lattice fringe and
corresponding diffraction pattern of Laves phase in alloy A1 aged at 700°C for 795 h.

Based on the SEM-BSE images, EPMA, XRD, and TEM/EDS results, the stability of the Chi
and Laves phases is evident for the investigated Fe-rich Fe-Cr-Mo-Ni alloys; i.e., the Chi phase
is stable at 1000 and 850°C but not at 700°C. The stability of the Laves phase is just the
opposite; i.e, it is unstable at 1000°C but stable at 850 and 700°C.

4.4

Thermodynamic modeling results

The experimental results were then used to optimize the Gibbs energy models of the Chi and
Laves phases in the Fe-Cr-Mo-Ni system. The model parameters are shown in the Appendix. The
Gibbs energy models of other phases are taken from the literature [14]. Figures 8a and 8b show
the calculated temperature-dependent phase amount (mole fraction) in alloys A1 and A2. The
precipitated intermetallic phases in alloys A1 and A2 are Chi and Laves going from high to low
temperatures. The total fraction of intermetallic phases in alloy A1 is less than that in alloy A2,
which is consistent with the smaller amount of alloying elements Cr, Ni, and Mo in A1. The
temperature window for phase transformation from Chi to Laves is lower in alloy A1 than that in
A2; in other words, the stable temperature range of the Laves phase is higher in alloy A2 due to
its higher Mo content. The calculated phase compositions are compared with the experimental
measurements in Tables 2 and 3 for alloys A1 and A2 at different annealing temperatures. They
are in good agreement with the experimental data. The calculated dissolution temperature of the
12

Laves phase in alloys A1 and A2 is 863 and 890°C, respectively, suggesting that this phase is
stable in both alloys at 850°C. However, TEM and SEM characterization revealed that the Laves
phase only in the A2 samples, not in the A1 samples, after annealing at 850°C. XRD results
might show some weak signals on the existence of the Laves phase in the A1 samples. Possible
reasons for the missing or weak signal of the Laves phase can be either that the volume fraction
of this phase is too small to be detected, or that the phase formation kinetics are too sluggish in
alloy A1 because of a small chemical driving force.
1.0
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1200

1400

o
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Figure 8 Calculated mole fraction of phases vs. temperature for alloys A1 and A2.
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Based on the currently developed Fe-Cr-Mo-Ni thermodynamic models, two isopleths close
to the compositions of type 316 and NF709 SS were calculated and plotted in Figs. 9a and 9b,
which illustrate the effect of Mo addition on the phase stability in these two alloys. The Fe-17Cr12Ni (wt.%) is chosen to represent 316, and the Fe-20Cr-25Ni (wt.%) is chosen to represent
NF709. The X-axis is the Mo content added to the selected compositions. It is assumed that the
added Mo substitutes for Fe only, and that the Cr and Ni contents are fixed at specified amounts.
The calculated diagrams in Figs. 9a and 9b map the effect of Mo addition on the stability of
intermetallic phases in these two alloys. Figure 9a shows that in 316 SS, the intermetallic phases
that precipitated are Sigma and Laves going from high to low temperature when the Mo content
is less than ~2.3 wt.%. When Mo content exceeds 2.3wt.%, Chi, Sigma, and Laves phases
precipitate in sequence as the temperature decreases. For the NF709 SS in Fig. 9b, there is no
stable region for the Chi phase for a Mo content up to 5 wt.%. The intermetallic phase that
precipitates is Sigma at high temperature and Laves at low temperature. These findings are
consistent with the experimentally observed precipitation sequence of intermetallic phases in 316
and NF709 SS , which suggests that the thermal stability of precipitated phases in Fe-Cr-Ni-Mo
alloys has a direct impact on the stability of these intermetallic phases in the practical
commercial alloys.
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Figure 9 Calculated isopleths illustrating the effect of Mo on phase stability in (a) Fe-17Cr-12Ni (wt.%)
and (b) Fe-20Cr-25Ni (wt.%) alloys.
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5.

Conclusions

Coupled with thermodynamic modeling, the thermal stability of the intermetallic phases in
two Fe-Cr-Ni-Mo alloys was investigated at 1000, 850, and 700°C for different annealing time.
The calculated phase equilibria and compositions are in good agreement with SEM/BSE, TEM,
XRD, and EPMA results. The key findings resulting from this study are listed as follows:
1) For the Fe-rich Fe-Cr-Ni-Mo alloys that were investigated, the Chi phase was stable at
high temperature and the Laves phase was stable at low temperature. TEM analysis results
suggested that some of the Laves phase was in-situ transformed from the high-temperature Chi
phase.
2) Both the Chi and Laves phases could dissolve a large amount of Mo, but the Laves phase
has a higher content (~28 at.%) than the Chi phase (~16 at.%). The Mo solubility in both the
matrix and Chi phases decreased with temperature. The Cr and Ni contents in the Laves phase
were similar to those in the Chi phase for the investigated alloys. The chemical driving force for
the formation of the Laves phase is the supersaturated Mo content from the matrix and that from
Chi phase.
3) From the model evaluation on the effect of Mo on the thermal stability of intermetallic
phases in the Fe-Cr-Mo-Ni isopleth sections with compositions close to those of type 316 and
NF709 SS, it was found that for the section close to 316 SS, the intermetallic phases that
precipitated were Sigma and Laves going from high to low temperature when the Mo content is
less than ~2.3 wt.%. When the Mo content exceeds 2.3 wt.%, Chi, Sigma, and Laves phases
precipitated in sequence as the temperature decreased. For the section close to NF709 SS, there
is no stable region for the Chi phase for a Mo content up to 5 wt.%. The intermetallic phases that
precipitated are Sigma and Laves with decreasing temperature.
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